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Lay Abstract 

The forming process of the steels used in the automotive industry is not suitable for zinc coatings 

because it requires pressing at high temperatures to ensure obtaining strong steels. Thus, zinc 

coatings cannot be utilized despite the desirable cathodic corrosion protection properties they can 

provide. This study aimed to determine a suitable process window for a zinc-coated prototype steel 

that would have both high strength and desirable corrosion protection. The zinc-coated prototype 

steel was pressed at lower temperatures. It was observed that the target mechanical properties were 

met for all the temperatures tested. Moreover, robust cathodic corrosion protection is expected for 

all the temperatures. Furthermore, pilot-scale tests yielded comparable results to those obtained in 

the laboratory, indicating that this process can be successfully applied in the industry as it possesses 

a sufficiently large process window. 



 

 

iv 

 

Abstract 

In recent years, there has been an increase in the use of press hardened steel (PHS) in the body-in-

white of automobiles, namely in parts such as side impact beams, roof rails, engine firewalls, and 

the floor area. As these parts are expected to possess corrosion resistance, Al-Si coatings are 

utilized on them. The implementation of Zn coatings is limited, despite possessing improved 

corrosion resistance attributed to cathodic corrosion protection, due to the detrimental effects of 

liquid metal embrittlement (LME) and microcracking. LME can be mitigated if stamping occurs 

at a temperature lower than the Fe-Zn peritectic temperature of 782 °C, as this ensures that the 

conditions of LME are not met and the cathodically-protective ũ-Fe3Zn10 phase is formed. The 

objective of this work was to determine a process window for stamping at lower temperatures for 

a GA80-coated prototype steel (steel K) with the composition of 0.19C-1.92Mn-0.20Si-0.003B-

0.03Ti (wt.%). The target mechanical properties in this process window were UTS Ó 1400 MPa, 

and YS Ó 1000 MPa. To achieve robust cathodic corrosion protection, more than 15 vol% of ũ-

Fe3Zn10 in the coating was desired. Furthermore, it was aimed to determine the robustness of this 

process and the industrial feasibility of it through pilot-scale trials for the GA80-coated prototype 

steel.  

To this end, a bare prototype steel (steel I) with the composition of 0.20C-1.96Mn-0.25Si-0.003B-

0.01Ti was compared to GA-coated steel K. It was found that stamping a direct hot press forming 

(DHPF) temperature of 650 °C produced similar mechanical properties such as tensile strengths 

and ductilities. Microstructural analysis of laboratory-scale DHPF for steel K showed that both the 

coating and the substrate microstructures were not a strong function of the DHPF temperatures of 

550 ï 700 °C. The substrate predominantly consisted of martensite with small amounts of ferrite 

and the coating consisted of Ŭ-Fe(Zn) and Ó 15 vol.% ũ-Fe3Zn10. Based on the fraction of ũ-
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Fe3Zn10 and the coating thickness, robust cathodic corrosion protection is expected from GA80-

coated steel K. Furthermore, no evidence of LME or severe microcracking was observed in the 

microstructure for DHPF temperatures of 550ï700 °C for steel K and ductile fracture was observed 

in tensile coupons. Tensile testing for laboratory-scale DHPF for steel K showed that the 

mechanical properties such as YS, UE and PUE were not significantly affected by DHPF 

temperatures of 550-700 ÁC. Moreover, the targets of UTS Ó 1400 MPa, and YS Ó 1000 MPa were 

met for all DHPF temperatures of 550 ï 700 °C. Through pilot-scale tensile testing of steel K, it 

was determined that the targets for tensile strengths (UTS and YS), were achieved across various 

conditions involving austenitization at 890 °C for 60 ï 240 s and DHPF temperatures ranging from 

550 ï 700 °C. These findings strongly suggest that industrial feasibility is attainable for DHPF of 

GA-coated steel K at lower temperatures, enabling the attainment of desirable mechanical 

properties and robust corrosion protection. Thus, it can be concluded that the process window 

yielding desirable properties for steel K was determined to be austenitization at 890 °C for 

60 ï 240 s and DHPF temperatures between 550 ï 700 °C. 
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1 Introduction 

There has been an increase in the utilization of ultra-high strength steels (UHSS) in the body-in-

white (BIW) of cars, aiming to optimize crash resistance to promote passenger safety, and enhance 

fuel efficiency by reducing CO2 emissions through their lighter weight. UHSSs are primarily used 

for structural reinforcement and anti-intrusion components, including side impact beams, roof 

rails, engine firewalls, and the floor area [1], [2]. The 2021 Ford Mustang Mach-E BIW [3], shown 

in Figure 1.1, is a prime example of this trend where the utilization of advanced high strength steels 

(AHSSs) and press hardening steels (PHSs) is significant in areas such as A-pillars and B-pillars. 

 

Figure 1.1: Advanced high strength steels (AHSS) and press-hardened martensitic steels 

(labelled boron steel) use in the 2021 Ford Mustang Mach-E BIW [3]. 

Martensitic steels, produced through direct hot-press forming (DHPF), have become a popular 

choice enabling the production of complex shapes with minimal spring back. Currently, the most 

widely utilized grade for the DHPF process is 22MnB5, which has a standard composition of 

0.22C-1.2Mn-0.25Si-0.005B (wt.%) [2]. DHPF consists of two main steps of austenitization, and 

press forming. Austenitization is usually performed in a furnace under ambient atmosphere at 



M.A.Sc. Thesis ï S. Kheiri; McMaster University ï Materials Science and Engineering 

3 

 

temperatures between 850°C-950°C. After austenitization, the parts are transferred to a water-

cooled die set, where they undergo simultaneous stamping and die quenching with cooling rates 

exceeding 75 °C/s [4]. The transfer typically occurs as quickly as possible, and the blank 

temperature does not decrease significantly prior to forming and quenching. The resultant 

microstructure consists of lath martensite with small fractions of ferrite [5].  

One of the key considerations in automotive applications is having corrosion resistance without 

compromising structural integrity. Thus, PHS commonly possesses a metallic coating to attain 

corrosion protection by leveraging both barrier type and cathodic protection mechanisms. Al-Si 

alloys with near-eutectic compositions of 7-11 wt.% Si are presently the most commonly used 

coatings for 22MnB5 [2], [6]. When subjected to DHPF, Al-Si coatings react with the substrate 

and form layers of brittle intermetallics. Since these intermetallics are brittle, they are prone to 

cracking during press forming which exposes the substrate to the environment [2], [7], [8]. These 

microcracks significantly reduce the corrosion resistance as Al-Si intermetallics can only provide 

barrier corrosion protection. Consequently, the utilization of PHS in corrosion prone areas of the 

BIW, where cathodic corrosion resistance is necessary, is prevented. Thus, there is a demand for 

coating systems that can deliver both barrier and cathodic protection [2], [4]. 

Zn-based coatings are known to provide cathodic corrosion protection for steel substrates. 

However, their utilization in DHPF is avoided due to the relatively low melting temperature of 

zinc, which can result in liquid metal embrittlement (LME) [9], [10]. During austenitization, the 

Zn coating alloys with the substrate and transforms into a Zn-enriched ferrite (Ŭ-Fe(Zn)) solid 

solution layer, a Zn-rich Fe-Zn liquid (Zn(Fe)liq), and an oxide layer on the surface of the coating 

[2], [6]. During press forming, the coating possesses Zn(Fe)liq which can cause LME and thus, 

catastrophic brittle failure. Furthermore, the coating undergoes the Fe-Zn peritectic reaction of 
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liq 3 10Ŭ-Fe(Zn) + Zn(Fe) Ŭ-Fe(Zn) + ũ-Fe Zn­  upon quenching [2], [11]. If the austenitization time 

is extended to eliminate the presence of the liquid alloy, the robustness of cathodic corrosion 

protection may be compromised as it has been stated that a volume fraction of at least 15% ũ-

Fe3Zn10 is necessary for robust cathodic corrosion protection [12], [13]. LME can be effectively 

mitigated, while still maintaining robust cathodic corrosion protection, by intentionally extending 

the transfer time from the austenitization furnace to the forming dies [14]ï[16]. This deliberate 

extension eliminates the liquid alloy during the forming process as it goes through the peritectic 

reaction for form G-Fe3Zn10. However, to obtain a fully martensitic microstructure with optimal 

mechanical properties, it is necessary to utilize grades that have increased hardenability [15], [17]. 

The objective of this research was to determine the feasibility of using an extended transfer time 

for a GA-coated prototype PHS steel with an increased Mn content, the composition of which was 

0.19C-1.92Mn-0.2Si-0.003B (wt.%). To this end, it was aimed to establish a process window and 

determine the potential for scaling through pilot-scale trials. The main target properties for this 

alloy were to have a fully martensitic substrate which would reach an ultimate tensile strength 

(UTS) of Ó 1400 MPa, and a yield strength (YS) of Ó 1000 MPa. Additionally, it was aimed for 

the coating to provide robust cathodic corrosion protection by containing Ó 15 vol% ɻ-Fe3Zn10 in 

the final coating microstructure. Firstly, The DHPF properties of the GA-coated steel were 

compared to a bare prototype steel with a composition of 0.20C-1.96Mn-0.25Si-0.003B-0.01Ti 

(wt.%). Then, the mechanical properties of the GA-coated steel were evaluated by tensile testing 

and correlated with the microstructural evolution of the substrate as a function of DHPF 

temperature. Furthermore, the mechanical properties of pilot-scale trials were compared to the 

laboratory-scale testing. Subsequently, the potential of providing robust cathodic corrosion 
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protection for the coating was determined for laboratory-scale tests for the GA-coated steel and 

related to the coating microstructure.  
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2 Literature Review 

2.1  Press Hardening Steel 

In order to optimize car body design for crash resistance and weight reduction, the automotive 

industry has increasingly turned to high strength steels in critical structures such as side impact 

beams, roof rails, engine fire walls and the floor area. While traditional approaches using thicker 

gauge medium-high strength steels have resulted in excessive weight and packaging issues, the 

utilization of ultra high strength steels has allowed for the use of thinner gauges and the omission 

of reinforcements. These steels not only satisfy safety standards for crash performance, but also 

environmental regulations pertaining to fuel efficiency and CO2 emissions due to their lower 

weight. Martensitic steels, produced through hot stamping, have become a popular solution due to 

their high strength and formability, enabling the production of complex structural components with 

minimal spring back. The hot stamping process, which is explained in §2.3, involves two critical 

steps: austenitization and press forming. Initially, the blanks are heated in a furnace to reach full 

austenitization, and subsequently, are shaped using press forming.  

Currently, the 22MnB5 family of alloys, a boron steel also known as carbonïmanganeseïboron 

low alloy steel, are used in the industry [1], [2], [6]. Other alloys based on 22MnB5 have been 

developed for these applications. Most notably, ArcelorMittal has developed an Al -Si coated boron 

steel (22MnB5) commercialized under the trade name of Usibor 1500P [18]. The composition of 

22MnB5 can be seen in Table 2.1[2]. The primary alloying elements of 22MnB5 are C, Mn, Si, B, 

and Cr [19]. The low carbon and alloy content, which is a defining feature of boron steels such as 

22MnB5, can provide economic benefits and facilitate cold and hot formability, coatability, and 

weldability [6]. The effects of alloying elements on the 22MnB5 CCT diagram can be seen in 

Figure 2.1. These effects are discussed below.  
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Table 2.1: Chemical composition of 22MnB5 hot stamped steel (wt.%) [2]. 

 C Si Mn Cr B Al  Ti 

22MnB5 0.22 0.23 1.20 0.16 0.005 0.04 0.03 

 

 

Figure 2.1: Effects of alloying elements on CCT diagram for 22MnB5 steel [8]. 

The strength and hardness of 22MnB5 can be controlled by adjusting its carbon content. However, 

an increase in carbon content can lead to reduced weldability and ductility [1], [8]. Additionally, 

a higher carbon content reduces the critical cooling rate required for full martensitic 

transformation. Carbon also acts as an austenite stabilizer and strengthens the martensite via 

interstitial solute strengthening [2]. A Mn addition greatly impacts phase transformation 

temperatures, which can be seen in Figure 2.1. Mn reduces martensite-start temperature similar to 

C, but it should be noted that it is not as effective. Mn addition can retard bainite formation if the 
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carbon level is low. However, it is important to note that high amounts of Mn can promote macro-

segregation. This causes banding in the microstructure where ferrite and pearlite grains appear as 

layers. This can have a negative impact on the mechanical properties [11], [20]. Cr increase 

hardenability, as shown in Figure 2.1, without having an adverse effect [6], [8], [11]. Moreover, 

the addition of Mn reduces the austenitization temperature, thereby potentially enabling lower 

furnace temperatures in the hot stamping process. This could result in energy savings and reduced 

carbon emissions during heating [8], [11]. It is worth noting that Mn additions exceeding 5 wt.% 

lead to the development of a complex microstructure with austenite present at room temperature. 

Thus, it can be observed that the typical Mn content of steels employed in hot stamping falls within 

the range of 0.8 to 1.3 wt.%, with 1.2 wt.% being the most commonly used concentration [8]. 

Boron is the most efficient element in increasing the hardenability of steel [8], [21], [22]. As shown 

by Figure 2.1, the addition of B delays the formation of ferrite and pearlite considerably. Similar 

effects have also been observed for the austenite to bainite transformation. About 10 to 20 wt. ppm 

addition of B in low-C steels improves the hardenability considerably [23], [24]. For example, 

such a small addition of B is equivalent to the addition of 0.4 % Cr, or 1.25 % Ni (all in wt.%) in 

enhancing the hardenability of a 0.4 wt. % C steel. Thus, B is a cost-effective element for 

increasing the hardenability of steel [24]. The mechanism responsible for this strengthening 

phenomenon is currently the subject of research. However, it is generally accepted that solute 

boron in an austenite solid solution segregates to austenite grain boundaries. The presence of B in 

the grain boundary reduces its surface energy; thus, increasing the activation energy for nucleation 

in the grain boundary on cooling. This effect retards ferrite nucleation and, therefore, increases the 

hardenability [25]. Moreover, research has shown that having small amounts of carbo-boride 

precipitation Fe23(C,B)6 plays a role in retarding ferrite nucleation as well. Although it should be 
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noted that its effect is not as pronounced as some models have suggested and it should not exceed 

a certain amount [24], [26], [27]. Carbo-boride precipitation suppresses ferrite nucleation through 

the nucleation site competition mechanism [24]. In order to ensure that B stays in solid solution 

instead of forming BN, Ti and Al are added. They form TiN and AlN instead of BN [6]. 

The addition of chromium as an alloying element serves to enhance hardenability of the press-

hardenable steel. Niobium can inhibit grain growth during austenitizing if Nb(CN) is formed, 

which enhances strength and toughness in low carbon steels as it affects the prior austenite grain 

size (PAGS) [8]. During the steel-making process, silicon is commonly used as a deoxidizer. This 

addition can lead to solid solution strengthening on the ferrite phase [8]. Research has indicated 

that high levels of silicon concentration can result in selective oxidation during galvanizing. This, 

in turn, reduces the reactive wetting of the zinc coating, leading to poor adherence of the coating 

[4]. Aluminum is an effective element for inhibiting austenite grain growth during the heating 

process before quenching, particularly when compared to other elements such as Ti that have 

similar effects [8].  

2.2 Continuous Galvanizing 

The majority of zinc-coated sheet products are produced through Sendzimir-type hot-process 

continuous coating lines, thoroughly explained by Marder [28]. A schematic of this process is 

presented in Figure 2.2 [29]. This process includes a cleaning section, which is not included in this 

schematic, prior to the heating and dipping section. However, to promote coating adherence and 

to prevent contaminants, particularly iron fines, from infiltrating the galvanizing bath, steel sheets 

are typically subjected to a pre-cleaning process.  
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Figure 2.2: Schematic of a continuous galvanizing line [29]. 

Following cleaning, the sheet is transported to the heating and holding zones of the furnace, where 

it is annealed at a temperature above the recrystallization temperature of the steel (usually 

exceeding 700 °C) to produce the desirable ferrite-pearlite microstructure. To achieve full 

recrystallization at faster line speeds, higher annealing temperatures would be necessary. The 

process uses a N2/5-20 vol% H2 atmosphere with a regulated dewpoint (or the partial pressure of 

water vapor (pH2O)) of between ï30°C to ï10°C. During this step, oxidation products such as Fe-

oxide and Fe-hydroxide will be reduced; however, selective surface oxidation of alloying elements 

(such as Mn, Si, Al, V, and Ti) will occur. For example, in the case of Mn, the resultant MnO 

surface oxide layer can directly affect reactive wetting. In other words, these oxides might interfere 

with the coating process  [28].  

After leaving the furnace, the strip is exposed to a gas jet cooling section which has the capability 

of rapidly reducing the strip's temperature at 15-20 °C/s to the zinc bath temperature, which is 460 
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°C for galvanized coatings [28], [30]. To promote the formation of the necessary Fe2Al 5Znx 

interfacial layer that inhibits the formation of brittle Fe-Zn intermetallics, a small amount of Al 

(typically 0.2 ï 0.3 wt.%) is added to the bath [28], [31], [32]. In the next step, planar gas jet 

streams (commonly referred to as air knives) use high-pressure air or nitrogen to remove excess 

coating, achieving the desired coating thickness. The achieved coating is a typical galvanized 

coating which only needs to be cooled and coiled. For the case of galvannealed coatings, an 

additional heat treatment step is required which is usually carried out in an induction furnace with 

a holding section. Important process parameters in the galvannealing step are heating rate, holding 

temperature and cooling rate. In a typical galvannealing furnace, a heating rate of 15 °C/s is used 

to achieve the holding temperature of 500 °C for about 8-9s. The strip is then cooled by air coolers 

to a temperature below 350 °C at a rate over 17 °C/s to produce the desired microstructure [28]. 

2.3 Hot Press Forming  

Hot press forming (HPF), also known as press hardening, is a forming technique that has garnered 

significant attention in the production of advanced high strength steels (AHSSs) for automotive 

applications. HPF can be divided into two categories: direct hot press forming (DHPF), and 

indirect hot press forming. Each of these comprises an austenitization and quenching step to 

achieve the desired microstructure in the HPF component. A schematic of these two can be seen 

in Figure 2.3 [1]. This section aims to discuss these routes. 



M.A.Sc. Thesis ï S. Kheiri; McMaster University ï Materials Science and Engineering 

12 

 

 

Figure 2.3: Hot press forming routes (a) direct (or DHPF) (b) indirect [1]. 

The target mechanical properties of the final product for 22MnB5 are ultimate tensile strength 

(UTS) of Ó 1500 MPa and total elongation (TE) of 5-7 % [2], [5], [6], [25]. Thus, the desired final 

substrate microstructure is martensite which can achieve the mechanical properties targets. Figure 

2.4 shows the substrate microstructure before and after HPF. As can be seen in Figure 2.4 (a), the 

initial microstructure consists of ferrite and pearlite that is likely elongated as a result of prior cold 

rolling [1], [33]. The initial microstructure has a moderate strength with UTS = 600 MPa and 25% 

elongation [2]. The desirable fully martensitic final microstructure is shown in Figure 2.4 (b). In 

some instances, for example if cooling is not uniform or if the cooling rate is not high enough, 

ferrite islands can appear in the substrate. If the ferrite content is high enough, UTS decreases; 

therefore, it is not desirable [5], [25]. 
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Figure 2.4: Substrate microstructure (a) before HPF (ferrite and pearlite), (b) after HPF 

(martensite) [5]. 

2.3.1 Direct Press Forming 

In the DHPF process, Figure 2.3 (a), the blank initially enters the austenitization furnace. The main 

goal of this step is to achieve a fully austenitic microstructure. Austenitization is commonly carried 

in a roller hearth furnace with a temperature of 850-950°C. The specific parameters used here, 

such as temperature and time, are dependent on the composition of the steel being press hardened. 

Austenitization temperature can be determined using dilatometry, from which Ac1 and Ac3 

temperatures can be calculated. It has been discovered that an austenitization temperature of 850 

ï 950°C is needed to obtain a fully austenitic microstructure for the frequently utilized hot 

stamping grade, 22MnB5 (composition outlined in Table 2.1) [1], [34]. The austenitization 

duration can be determined based on the blank's thickness [1], [34]. Austenitic microstructures at 

850 ï 950°C are more ductile than ferrite-pearlite structures, resulting in greater steel formability 

and less spring back, leading to more precise shaping [1], [8]. 

The blank is, subsequently, transferred to water cooled dies, where it is simultaneously formed and 

quenched. Thus, it both acquires the desired shape and a martensitic microstructure in one step. 
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The important process parameter is the cooling rate. To obtain a fully martensitic microstructure 

exhibiting the desired mechanical properties (UTSÓ 1500 MPa) a critical cooling rate must be met. 

The critical cooling rate for a specific alloy can be determined via its CCT diagram. Some 

researchers have mentioned that a minimum critical cooling rate of ï27°C/s is enough for 22MnB5 

[1], [8], [35]ï[37], although others agree on a higher cooling rate of ï50 °C/s [11], [38]. This rate 

should be fixed in a manner that avoids bainitic transformations as well. Hence, a cooling rate of 

ï75 °C/s is the most reliable option [38]. 

2.3.2 Indirect hot press forming 

Indirect hot press forming can be seen in Figure 2.3 (b). As can be seen in this figure, the blank is 

initially cold formed to approximately 90-95% of its desired final shape before being placed in the 

austenization furnace, which typically has a temperature of 850-950 °C [5]. The most significant 

advantage of this method is that a large portion of the deformation is carried out at room 

temperature, primarily on the highly ductile pure Zn coating. This eliminates the presence of liquid 

during forming, effectively preventing the occurrence of LME. The pre-forming stage also enables 

the production of more intricate and larger parts. As the part is almost completely formed when it 

reaches the forming and quenching dies, the contact and heat conduction are improved, leading to 

better temperature homogeneity during quenching. In addition, the indirect approach results in 

lower levels of high temperature deformation of the coating, potentially reducing coating cracks 

[16].  

Nevertheless, this processing technique is not commonly utilized due to several drawbacks that 

outweigh its benefits [5]. The additional forming step necessitates more time and cost since an 

extra die set must be produced and maintained [4]. Moreover, conducting the forming step at room 
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temperature restricts the material to conventional cold forming boundaries, nullifying one of the 

primary advantages of press hardening [28]. 

2.4 Coatings for  Press Hardening Steels  

Originally, bare steel was used in hot stamping. In this case, iron oxide scale forms after press 

hardening, which adversely affects the heat transfer between the steel and the dies. The oxide 

scales increase the friction between the steel and the dies and can damage dies by attaching to 

them. After HPF, the scale needs to be removed either manually or by shot blasting or peening, 

depending on the shape of the final part [2]. Due to this inconvenience and the need for corrosion 

protection in the BIW of cars, coated steels are utilized. Usibor® Al-(9-11 wt.%)Si, introduced by 

ArcelorMittal, is a frequently employed metallic coating for hot stamped components [2], [39]. 

However, there has been increasing interest in the utilization of Zn coatings owing to their 

capability of providing more robust corrosion protection in comparison to Al-Si coatings [4], [39]. 

Thus, it is important to understand the impact of press hardening on each of these coatings. 

2.4.1 Al-Si Coatings 

Currently, there are two primary categories of industrially produced hot-dipped aluminized 

coatings. Type 1 aluminized coating is commonly used on hot stamped steel, automotive exhaust 

systems, and heat shields as it offers resistance to both corrosion and elevated temperature 

oxidation . The coating consists of an AlïSi alloy with a near-eutectic composition containing 7ï

11 wt.% Si. Type 2 aluminized coating is pure Al, without Si addition. This type is mostly used in 

building cladding panels, because its surface is highly reflective [2], [40]. Type 1 is of interest for 

the purposes of this study. 

The common practice for aluminizing 22MnB5 steel involves immersing it in a molten aluminum 

alloy bath at approximately 675 °C. The bath typically consists of 88 wt.% Al, 9 wt.% Si, and 3 
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wt.% Fe with the Si serving to create a Ű5-Fe2SiAl7 inhibition layer at the interface between the 

coating and the substrate. A microstructure of a type 1 aluminized coating highlighting the 

inhibition layer is showed in Figure 2.5 (a) [2]. This layer prevents the rapid formation of Fe2Al 5 

during the aluminizing process and inhibits the formation of intermetallic phases at temperatures 

below 550 °C. However, because DHPF is carried out at higher temperatures, the Fe-Al reaction 

can occur. In the absence of an inhibition layer, Fe2Al 5 intermetallic can grow into the substrate 

resulting in a wavy interface which affects coating adhesion [2], [40], [41].  

Figure 2.5 (b) shows an aluminized microstructure after annealing at 930 °C for 5 min and rapid 

quenching. The layer on top of the coating, marked with a rectangle, is an Al2O3 layer which acts 

as a barrier preventing further oxidation. The initial layer is FeAl2, which forms due to the 

transformation of Fe2Al 5 with increasing Fe content in the coating. The second layer is identified 

as Ű1-Fe2SiAl2, which also appears as particles in the first layer. The third layer is identified as 

FeAl2, and the fourth layer is similar to the second layer. The fifth layer, known as the diffusion 

layer, has an increasing Fe content towards the substrate steel. Moreover, Figure 2.5 (b) reveals 

the presence of several Kirkendall voids, which can be attributed to the diffusion of Al atoms either 

inward or outward [2], [7], [42], [43]. 
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Figure 2.5: Cross-sectional SEM micrographs of (a) type 1 aluminized sample (b) aluminized 

sample heated at 930 °C for 5 min with a heating rate of 10 °Csï1 in air [2]. 

Corrosion protection of this alloy is linked with the layers described. The first and third FeAl2 

layers have slightly lower electrochemical potentials in comparison to the substrate steel. 

However, the entire coating exhibits an electrochemical potential similar to that of the substrate. 

Hence, it only provides barrier corrosion protection, and cannot provide robust cathodic corrosion 

protection. The uncoated areas such as cut edges are a potential drawback as they are not protected 

[2], [4], [39]. 

Moreover, studies have shown that laser welded Al-Si coatings can cause ferrite formation in the 

martensite substrate in DHPF. The coating melts and alloys with the molten weld pool during 

welding, which in turn causes the formation of ferrite islands in the martensite matrix during the 

austenitization step in DHPF. Studies have suggested that in-situ alloying of ferrite suppressing 

carbides and austenite stabilizing elements in electro-spark deposition, an additive manufacturing 

technique, prior to laser welding can mitigate this issue [44]. 
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2.4.2 Zinc Coatings 

Galvanized (GI) or galvannealed (GA) coatings are used on cold rolled sheet steel because of their 

appearance, adequate formability, physiological harmlessness and, most importantly, their 

excellent barrier and cathodic corrosion protection  [2]. Moreover, it has been shown that 

galvanized PHS has greater hydrogen embrittlement resistance in comparison to Al-Si coatings 

due to the Zn coating effectively preventing hydrogen uptake and inhibiting the hydrogen 

generation reaction and transport [45]. Galvanized coatings, such as GI70, usually have a coating 

weight of 70 g/m2. This coating weight is equivalent to a coating thickness of approximately 10 

ɛm [46]. After undergoing continuous hot dip galvanizing, GI coatings are primarily composed of 

nearly pure zinc. However, there are also minor quantities of iron in the solid solution (known as 

ɖ-Zn) present within the coating. Whereas GA coatings have a more complex microstructure of ũ-

Fe3Zn10, ŭ-FeZn10, or ɕ-FeZn13 phases based on the amount of alloying elements [28], [47].  

These coatings are mostly used in indirect press hardening as opposed to DHPF because of the 

austenitization step of the process [4]. Since the austenitization temperature in DHPF  is higher 

than the Fe-Zn peritectic temperature of 782 °C, Figure 2.6, the coating melts and is replaced by 

Fe-Zn intermetallic compounds by reacting with the substrate [2], [4], [48]. Thus, the 

microstructural evolution of the coating during austenitization is of interest. Moreover, if stamping 

happens at temperatures above the peritectic temperature, liquid metal embrittlement (LME) can 

occur [49]. This phenomenon will  be discussed in §2.5. 
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Figure 2.6: Fe-Zn phase diagram [48]. 

Figure 2.7 shows microstructural evolution of a GI 22MnB5 coating with a substrate thickness of 

1.5 mm and an average coating weight of 70 g/m2 during austenitization. The SEM images 

correspond to a temperature range of 400-900 °C without soaking quenched in water. The heating 

rate used was 4ï7 °C/s, therefore, it should be emphasized that the changes that occur in phases at 

those temperatures cannot be accurately predicted by relying exclusively on thermodynamics [50]. 

As can be seen in Figure 2.7, the coating initially consists of ɖ-Zn. The Fe2Al 5-xZnx inhibition layer 

starts breaking down at 400 °C and finishes transforming at 450 °C. This layer is destroyed by the 

ɕ-FeZn13 phase, proved by XRD [50]. At 500 °C, the interfacial layer was fully destroyed, and the 

coating consisted of ɕ-FeZn13 and ŭ-FeZn10. It can be observed in Figure 2.7 that the coating 

transformed into ŭ-FeZn10 at 550 °C. As the temperature increased to 600 °C and 650 °C, the 

coating transformed into a dual-phase composition, combining both ŭ-FeZn10  and ũ-Fe3Zn10. The 
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transformation of ũ-Fe3Zn10 was observed to be complete at 700 °C. As the temperature increases, 

diffusion of Zn into Fe occurs, causing the coating to form a layer of Zn rich Fe phase which is 

referred to as Ŭ-Fe(Zn). Heating above the peritectic temperature of 782 °C causes the coating to 

undergo the peritectic reaction (Eq. (2.1)), thus being comprised of liquid Zn phase that is rich in 

Fe and Ŭ-Fe(Zn). Upon quenching, the liquid phase turns into ũ-Fe3Zn10. Thus, ũ-Fe3Zn10 phase 

can be seen as islands in the Ŭ-Fe(Zn) phase [50].  

 

Figure 2.7: Cross sectional SEM micrographs of GI steel after annealing at mentioned 

temperatures; concentrations are expressed in wt.% [50]. 
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                                      liq 3 10Ŭ-Fe(Zn) + Zn(Fe) Ŭ-Fe(Zn) Fe (Zn)­ +G-
                        (2.1) 

The influence of austenitization time on coating microstructural evolution has been studied by 

Dever [13]. Figure 2.8 shows bulk composition as a function of austenitization time. It can be seen 

that annealing for extended times results in further alloying of the coating with the substrate. Figure 

2.9 shows the phase fractions of the coating as a function of austenitization time. It can be seen 

that for extended austenitization times, the amount of ũ-Fe3Zn10 phase decreases rapidly, and the 

coating is mostly comprised of Ŭ-Fe(Zn). The coating is completely transformed into Ŭ-Fe(Zn) 

after annealing 900 °C for 240 s. Further annealing resulted in an increased coating thickness, 

which adversely affected the mechanical properties by reducing the martensite fraction [13]. 

Figure 2.10 shows microstructural evolution of GI70 22MnB after annealing at 900 °C for two 

different temperatures. It can be seen that after 30 s of annealing (Figure 2.10(a)) the coating 

consisted of mostly Ŭ-Fe(Zn) with some ũ-Fe3Zn10. After 780 s of annealing (Figure 2.10(b)), it 

has fully transformed into Ŭ-Fe(Zn) [51]. These results are in agreement with the results obtained 

by XRD by Dever [13]. 
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Figure 2.8: Bulk composition of a GI70 coating at 900 °C as a function of austenization time 

determined by XRD [13]. 

 

Figure 2.9: GI70 coating phase evolution at 900 °C as a function of austenization time measured 

by XRD [13]. 
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Figure 2.10: Microstructural evolution of GI70 coating (a) austenitized at 900  for 30 s and (c) 

austenitized at 900  for 780 s [51]. 

2.5 Liquid Metal Embrittlement  

Liquid metal embrittlement (LME) is described as brittle fracture or loss of ductility of a metal or 

alloy due to the penetration of another liquid metal or alloy into its microstructure. This occurs 

rapidly either along the grain boundaries in polycrystalline materials or along sub-grain boundaries 

in a single crystal of the material, resulting in transgranular or intergranular decohesion [10]. This 

phenomenon has been observed in several systems including: Al-Ga, Al-Hg, Fe-Zn, Cu-Hg, Cu-

Li, Cu-Bi and Ni-Bi [52]ï[57]. In Zn-coated PHS, LME induced cracking can cause catastrophic 

failure while press forming at elevated temperatures. At those temperatures, Zn can diffuse along 

the austenite grain boundaries causing a brittle intergranular fracture [34], [58], [59]. Thus, it is 

important to understand this phenomenon to be able to mitigate it in DHPF. 

Various mechanisms have been suggested for LME which can be divided into three different 

categories: crack tip brittle fracture, dislocation activity, and grain boundary diffusion. They are 

comprehensively summarized in a variety of reviews [9], [10], [49], [60]. Three requirements are 

essential for LME. Razmpoosh et al. [9] have expressed these requirements in Figure 2.11 as a 

susceptible material, tensile stress, and an aggressive liquid metal. Aggressive liquid metal has 
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also been regarded as grain boundary wetting in the literature [61]. These factors and the role of 

different variables on them are described in this section. 

 

Figure 2.11: The requirements for liquid metal embrittlement [9] 

2.5.1 Susceptible Material  

It has been reported that, in a classic LME system, such as Cu-Hg, low mutual solid solubility and 

a lack of intermetallic compounds is observed [62], [63]. In other words, the metals in the LME 

system do not form reaction products and enable grain boundary wetting. However, Zn and Fe 

have significant mutual solubility for the case of zinc coated PHS. According to the Fe-Zn phase 

diagram in Figure 2.6, below the peritectic temperature of 782 °C several intermetallic compounds 

are formed, and above this temperature, Ŭ-Fe(Zn) in addition to a liquid with high Fe solubility is 

present, as discussed earlier. Based on these, LME should not occur. 

To understand why LME is still present in the Fe-Zn system, the role of alloying elements such as 

Si should be considered. Small Si additions can significantly reduce the Fe solubility in the Fe-Zn 

system [64]. The low Fe solubility in the system raises the activity of Zn on both sides of the 
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substrate/coating interface. It is known that Fe-Zn intermetallic phases have low solubility for Si 

[64], [65]. Thus, the Si is rejected to the liquid in order for any Fe-Zn intermetallics to form [65]ï

[68]. As a result, LME will occur in an Fe-Zn system if other conditions of it are met. 

Bhatracharya et al. [69] studied the role of Si on Zn-LME susceptibility in AHSS. They used two 

different AHSS grades with similar compositions except for Si content, with one being 0.98 wt.% 

and the other being 0.06 wt.%. Figure 2.12 shows a time-of-flight secondary ion mass spectrometry 

(TOF-SIMS) map for the alloy containing 0.98 wt.% Si. Whereas Figure 2.13 shows TOF-SIMS 

map for the alloy with 0.06 wt.% Si. By comparing these two maps, Si enrichment in the 

coating/substrate interface was more significant for the case of the steel with higher Si content, 

hinting at higher LME susceptibility. Moreover, hot tension tests proved that LME occurred over 

a broader range of temperatures and strain rates for the steel with a higher Si content, thus further 

validating the observations. It should be noted, however, that LME was not as strong at lower 

strain rates due to the increased time available for Fe-Zn reactions to occur [69]. 

 

Figure 2.12: TOF-SIMS maps of the steel containing 0.98 wt.% Si  [69]. 
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Figure 2.13: TOF-SIMS maps of the steel containing 0.06 wt.% Si  [69]. 

2.5.2 Grain Boundary Wetting 

Grain boundary wetting of  a solid metal by a liquid metal is defined as the substitution of the 

initial grain boundary with a liquid film, which leads to the formation of two solid/liquid interfaces. 

This process does not need external stress to occur [61]. Instead, it can be said that the driving 

force arises from the reduction in the total energy of the interfaces. The driving force, therefore, is 

described in Equation (2.2), where ɔGB is the grain boundary energy and ɔSL is the surface energy 

of the solid/liquid interface [61]. If Equation (2.2), is positive, grain boundary wetting is favorable. 

If not, there is not a good incentive to form the two solid/liquid interfaces. This is shown by Figure 

2.14. 

                                                        
2GB SLg g-

                                                          (2.2) 

Spontaneous wetting at grain boundaries happens at or above a transitional wetting temperature 

(TW) where Equation (2.2) is greater than zero. This temperature is higher than the melting 
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temperature of the wetting alloy [61], [70]. It can be said that grain boundary penetration will 

happen above TW, where the grain boundaries of the base metal can be wetted by the liquid metal. 

 

Figure 2.14: (a) Ni polycrystalline specimen after 1 h of direct contact with BiïNi liquid alloy at 

700 °C which is above the wetting temperature of this system and grain boundary wetting 

occurs, (b) Cu polycrystalline specimen after 46 h of direct contact with BiïCu liquid alloy at 

500 °C which is below the wetting temperature of this system and grain boundary grooving 

occurs [61]. 

 

Figure 2.15: Qualitative evolution of grain boundary energy and solid-liquid interface energy as 

a function of temperature [70]. 
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Moreover, the role of grain boundary angle should be discussed as it can affect TW which in turn 

enables LME at lower temperatures. High angle grain boundaries have a higher grain boundary 

energy in comparison to low angle grain boundaries. Consequently, they are significantly more 

susceptible to LME [71], [72]. 

2.5.3 Applied Tensile Stress 

The last requirement for LME is applied tensile stress. In the Fe-Zn system present in DHPF, these 

stresses are either draw stresses or bending stresses that are applied by the die in the forming 

process [8]. There appears to be a direct correlation between strain rate and susceptibility to LME. 

Specifically, increasing the strain rate has been found to result in a corresponding increase in LME 

susceptibility [69], [73].  

2.5.4 LME Mitigation 

In order to effectively leverage the improved corrosion-resistant properties of Zn coatings in PHS, 

it is imperative to mitigate LME. LME will not occur if its requirements are not met. A few 

methods can be strategically used to either lower LME susceptibility or prevent it all together. One 

approach would be to reduce the grain boundary wettability. The addition of interstitial alloying 

elements is a proposed method in literature [74]. Boron addition was suggested as a potential LME 

prevention strategy. In this case, B will act as a cohesion enhancing alloying element, thus reducing 

the grain boundary energy and, therefore, LME susceptibility [74]. 

An alternative approach to address this issue would involve the elimination of liquid metal in the 

system. One obvious solution would be to use indirect hot press forming to eliminate the liquid 

metal from the system. However, this method has disadvantages such as higher costs and 

formability limitations which have already been discussed (§2.3.2). Another method would be to 
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create a fully solid coating consisting of Ŭ-Fe(Zn) in the DHPF process by either increasing the 

austenitization time or using thinner initial coatings [34], [75]ï[77]. It was shown that only having 

a Ŭ-Fe(Zn) phase in the coating will effectively prevent LME [75]. Nonetheless, it is crucial to 

consider the corrosion properties of the coating. While it may offer some corrosion protection, it 

will not provide robust cathodic corrosion protection, as its electrochemical potential will be 

similar to that of the substrate steel [13], [16]. This topic will be elaborated on in §2.7. 

Another way to eliminate the liquid metal would be to employ a pre-cooling step prior to press 

hardening by using extended transfer times between the austenitization furnace to the forming dies 

[2], [14], [78], [79]. The pre-cooling step allows the coating to undergo the peritectic reaction 

(Equation (2.1) forming solid ũ-Fe3Zn10 and Ŭ-Fe(Zn) phases. This method is shown to provide 

robust cathodic corrosion protection [13] and ensure desirable formability. However, careful 

consideration needs to be given to the mechanical properties side. The hardenability of the standard 

22MnB5 grade is not sufficient to produce a fully martensitic microstructure after DHPF below 

the peritectic temperature by using a pre-cooling step [14], [80], [81]. The hardenability of the 

substrate can be tailored by adjusting the chemical composition. It has been shown that added Mn 

content can improve the hardenability significantly, Figure 2.16 [14], [17]. Thomsen et al. [17] 

have developed two prototype grades that have increased hardenability, which will be discussed 

in §2.8. Overall, this approach appears to be the most promising in yielding all desirable properties 

in Zn coated DHPF steels. 



M.A.Sc. Thesis ï S. Kheiri; McMaster University ï Materials Science and Engineering 

30 

 

 

Figure 2.16: CCT curve of 20MnB8, with a  composition of 0.195C-0.19Si-1.98Mn-0.003B 

(wt.%) [14]. 

2.6 Microcracking  

Microcracking, also known as solid metal embrittlement (SME), is defined as an embrittlement 

induced by a solid-state diffusion-based phenomenon [75], [82]. Microcracking must not be 

confused with LME as it does not have the three requirements previously stated §2.5. Instead, it 

requires sufficient time for diffusion at the crack tip and applied stress [75], [82]. Since this process 

is diffusion controlled, it is not catastrophic; nonetheless, it results in defective parts and 

necessitates an understanding for effective control [75], [82]ï[85]. The notion that the kinetics of 

crack propagation are controlled by diffusion aligns with experimental evidence. It has been shown 

that crack growth accelerates with increased temperature. Moreover, it decelerates with increased 

crack length as the diffusion distance would be increased [93]. 
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Janik et al. [75] have proposed a mechanism for microcracking in Zn-coated PHS, shown by Figure 

2.17. They stated that Zn diffuses from the coating into the substrate during austenitization by 

forming Zn rich pockets that expand (Figure 2.17 (b)). If austenitization is stopped when Zn rich 

pockets are present, and tensile stress is applied, deep sharp cracks form as a result (Figure 2.17 

(c)). However, by allowing austenitization to happen over a longer period of time, the coating will 

become thicker, and the Zn rich pockets will homogenize (Figure 2.17 (d)). In this case, by 

applying tensile stress, the cracks are blunted because there is not enough Zn to support 

microcracking (Figure 2.17 (e)) [75]. 

 

Figure 2.17: Schematic mechanism of microcracking in Zn-coated PHS [75]. 
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Maleki et al. [51], [86] have advanced a slightly different mechanism on the origin of 

microcracking. Figure 2.18 is a schematic mechanism for solid state diffusion of Zn along 

coincident Ŭ-Fe(Zn)/ɔ-Fe(Zn) grain boundaries derived from Scanning Transmission Electron 

Microscopes Electron Energy Loss Spectroscopy (STEM-EELS) results [48]. It shows that after 

annealing a GI 22MnB5 at 900 ÁC for 780 s, the coating is transformed into Ŭ-Fe(Zn), and Zn had 

diffused into the austenitic substrate, forming more Ŭ-Fe(Zn). More importantly, it is shown that 

austenite grain boundaries act as an accelerated diffusion path for Zn, which results in the creation 

of Zn-enriched grain boundaries [48]. 

 

Figure 2.18: Schematic mechanism for solid state diffusion of Zn along coincident Ŭ-Fe(Zn)/ɔ-

Fe(Zn) grain boundaries [51]. 

Based on these results, Maleki et al. [51], [86] proposed a mechanism for crack initiation, growth 

and blunting in microcracking, the schematic of which is shown in  Figure 2.19. It has been stated 
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that due to the mechanism in Figure 2.18, a thin Ŭ-Fe(Zn) layer is present at the austenite grain 

boundaries. These Zn-enriched grain boundaries were proven to be more susceptible to crack 

initiation by electron backscatter diffraction (EBSD) maps along the microcracks. The increased 

susceptibility was attributed to a reduction in grain boundary cohesion. It was suggested that 

microcracks initiate at Zn-enriched Ŭ-Fe(Zn) grain boundaries in the coating, and propagate into 

the Zn-enriched substrate prior austenite grain boundaries, where the Ŭ-Fe(Zn) film is situated. 

The microcracks eventually blunt as the Zn enrichment along the prior austenite grain boundary is 

exhausted [51], [86]. 

 

Figure 2.19: Schematic of the proposed mechanism by Maleki et al. for microcracking upon the 

application of tensile stress [51]. 

2.7  Corrosion Properties of Zinc Coated Press Hardened Steel  

As discussed earlier (§2.4.2), the austenitization step in DHPF alters the microstructure of zinc 

coatings, ultimately creating ũ-Fe3Zn10 and Ŭ-Fe(Zn). Given that each of these phases exhibits 



M.A.Sc. Thesis ï S. Kheiri; McMaster University ï Materials Science and Engineering 

34 

 

different corrosion properties, it is crucial to identify which one is favorable for optimum corrosion 

protection.  

Electrochemical methods such as open circuit potential, potentiostatic polarization, 

potentiodynamic polarization or galvanostatic polarization tests were utilized to evaluate the 

coating [12], [13], [50]. Dever et al. [12] studied the effect of austenization time on the 

electrochemical properties of a DHPF GI70 coating as a function of austenitization time. 

Potentiodynamic polarizations tests revealed that increasing austenitization time corresponds to an 

increase in mixed potential, as it results in a higher fraction of Ŭ-Fe(Zn), and ũ-Fe3Zn10 is known 

to have a lower elechtrochemical potential in comparison to Ŭ-Fe(Zn) [13], [16]. Since the driving 

force for cathodic protection is approximately defined as the difference in Ecorr between the 

substrate and the coating, lower elechtrochemical potential translates to possession of improved 

cathodic corrosion protection properties.  

Figure 2.20 shows an Evanôs diagram for a ferritic substrate, a mixed phase Ŭ-Fe(Zn) + ũ-Fe3Zn10  

coating and a single Ŭ-Fe(Zn) phase coating. These coatings were obtained using 60 s and 360 s 

annealing times at 900 °C, respectively [12]. This diagram highlights two primary observations. 

Firstly, it shows the necessity for having ũ-Fe3Zn10 to have robust cathodic corrosion protection 

since the mixed coating has a lower electrochemical potential. Secondly, it shows that having a 

mixed phase coating provides cathodic corrosion protection for longer times. This is due to the 

fact that the anodic current density of the mixed phase coating is comparatively lower than that of 

the coating consisting solely of Ŭ-Fe(Zn), thereby indicating a slower dissolution rate and a 

prolonged duration of cathodic protection [12]. This observation implies that the coating needs to 

undergo the peritectic reaction (Equation ( liq 3 10Ŭ-Fe(Zn) + Zn(Fe) Ŭ-Fe(Zn) Fe (Zn)­ +G-
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(2.1)), which makes the ũ-Fe3Zn10 from the Fe- Zn liquid, to have robust cathodic corrosion 

protection.  

 

Figure 2.20: Potentiodynamic curves and galvanic couple corrosion currents (igc) for the 

22MnB5 substrate (Ŭ-Fe), a mixed G-Fe3Zn10 + Ŭ-Fe(Zn) coating and a 100% Ŭ-Fe(Zn) coating 

[13]. 

Dever et al. [12], conducted galvanostatic  polarization tests to determine the minimum necessary 

ũ-Fe3Zn10 that would yield in robust cathodic corrosion protection, Figure 2.21. It can be seen that 

having a 15 vol% of ũ-Fe3Zn10 is sufficient to produce a low electrochemical potential [12]. This 

range corresponds to the ũ-Fe3Zn10 phase as Ŭ-Fe(Zn) contains about 17-44 wt.% of Zn [2]. 
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Figure 2.21: Galvanostatic characteristics of the Zn-coated PHS as a function of G-Fe3Zn10 

fraction [13]. 

2.8  New Prototype PHS Grades 

Thomsen et al. [15] have done extensive research to develop new prototype PHS grades with the 

compositions of 0.20C-2.01Mn-0.26Si-0.005B and 0.19C-2.5Mn-0.26Si-0.005B (wt.%) that can 

effectively mitigate LME through stamping at lower temperatures. As discussed earlier, stamping 

conventional 22MnB5 at lower temperatures will not yield in a martensitic microstructure [14], 

[78]. Thus, the prototype steels had increased Mn content, specifically 2%Mn and 2.5%Mn, as 

means to increase hardenability [15]. Their CCT diagrams were determined using quench 

dilatometry to identify the critical cooling temperature that would result in a fully martensitic 

microstructure, shown in Figure 2.22. It was determined that the critical continuous cooling rate, 

resulting in a fully martensitic microstructure, for the 2%Mn and 2.5%Mn were 
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approximately -10°C/s and ï5°C/s, respectively. These values are significantly lower than the 

critical cooling rate of -25°C/s for 22MnB5.  

 

Figure 2.22: CCT diagrams of prototype steels: (a) 2%Mn and (b) 2.5%Mn [15]. 

Furthermore, the impact of deformation on the Ms and Mf temperatures was determined. It was 

found that deformation reduced the hardenability and decreased the critical temperatures [15]. This 

is in agreement with other studies indicating the necessity of utilization of high quenching rates to 

ensure a fully martensitic microstructure [43].  
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To assess the mechanical properties of the prototype steels, galvanized samples were austenitized 

at 890 °C and quenched at stamping temperatures of 700 °C, 650 °C, and 600 °C using a U-shaped 

die (Figure 2.23). It was found that austenitization times of 120 s for the 2%Mn steel and 60 s for 

the 2.5%Mn steel were sufficient in producing the desired substrate microstructure [17]. Moreover, 

it was found that all the stamping temperatures resulted in adequate mechanical properties. 

 

Figure 2.23: Schematic of DHPF part highlighting tensile coupons locations [17]. 

Figure 2.24 shows UTS and YS as a function of various austenitization times for the two 

prototypes. It should be noted that these values are averaged across all stamping temperatures as 

they were found to produce similar results [17]. Aiming to achieve an ultimate tensile strength of 

1500 MPa and a yield strength of 1100 MPa [2], the austenization time had to be maintained for 

at least 60 seconds for the 2%Mn steel and 30 seconds for the 2.5%Mn steel, respectively [17]. 

Interestingly, it was revealed that the mechanical properties of the top and the wall the U-shape 

part were comparable [17]. A similar finding has also been reported for the case of 22MnB5 steel 

by Lee et al. [87]. Based on the analysis, it is understood that the U-shaped DHPF part possesses 

uniform mechanical properties across its various regions. 
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Figure 2.24: Mechanical properties for the 2%Mn and 2.5%Mn prototype PHS averaged over 

stamping all temperatures [17]. 

Uniform elongation (UE) and post uniform elongation (PUE) are summarized in Figure 2.25. It 

can be seen that UE decreased with an increase in UTS, as expected. Conditions resulting in higher 

ferrite content in the substrate exhibited higher UE. For a fully martensitic substrate, the 

elongations of both the 2%Mn and 2.5%Mn grade match the values for PHS reported in literature 

[5], [17], [88]. Moreover, a ductile fracture was observed in the tensile coupons. From these results, 

it can be concluded that LME was successfully avoided for all the conditions of this study [17]. 
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Figure 2.25: Uniform elongation (UE) and post uniform elongation (PUE) for the 2%Mn and 

2.5%Mn prototype PHS averaged over stamping all temperatures [17]. 

Jewer [16] investigated the effects of DHPF parameters on the ability of a Zn-based coatings to 

provide robust cathodic protection for the prototype steels designed by Thomsen et al. [15]. Figure 

2.26 summarizes the potentiodynamic polarization results across all conditions, which were 

austenitization times of 30-180 s at 890 °C and stamping temperature of  700 °C [16]. It can be 

seen that the various austenitization times did not have a significant impact on Ecorr. It is 

noteworthy that different sections of the U-shaped part exhibited similar corrosion potential[16]. 

Moreover, the driving force for cathodic protection was slightly lower for the coated DHPF 

2.5%Mn steel in comparison to the 2%Mn steel [16]. This was attributed to the higher Mn content 

which is known to be detrimental to the corrosion properties of steel as it increases the dissolution 

current density [89]. Although, this effect has not been observed for lower Mn contents such as 

1.5 wt.% [90]. Furthermore, it was determined by XRD that 15 vol% of ɻ-Fe3Zn10 was present at 

all the conditions , as was deemed necessary by Dever et al. [12], [16].  
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Figure 2.26: Corrosion potential as a function of austenitization time for (a) 2%Mn and (b) 2.5% 

Mn [16]. 

The duration of cathodic protection can be determined by dissolution kinetics of coating phases, 

as shown by galvanostatic scans. As coating thickness increases with annealing time, it is 

important to consider results from the same annealing time when comparing the two prototypes. 

Figure 2.27 shows the galvanostatic scans for the two prototypes after austenitization at 890 °C 

for 120 s and stamping at 700 °C [16]. The length of the first plateau, which is associated with the 

dissolution of ɻ-Fe3Zn10 , determines the length of robust cathodic corrosion protection. It can be 

seen that both of the prototypes can provide long-term cathodic corrosion protection of the 

substrate, however, 2%Mn seems to provide protection for longer times. Figure 2.28 shows a 

summary of the ɻ-Fe3Zn10 plateau length for all conditions [16]. It is evident that after 180 s of 

annealing, robust cathodic corrosion protection cannot be expected. For the annealing times lower 

than that, robust cathodic corrosion protection was achieved. Moreover, there was a slight 

difference between the different regions of the part which can be associated with die wiping 
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exposing the Ŭ-Fe(Zn) phase. Nevertheless, robust cathodic corrosion protection was achieved for 

all the regions [16]. 

 

Figure 2.27: Galvanostatic scans (+ 10 mA/cm2) for the (a) 2%Mn and (b) 2.5%Mn austenitized 

at 890 °C for 120 s and stamped at 700 °C [16]. 

 

Figure 2.28: ɻ-Fe3Zn10 plateau length as function of austenization time for the Zn-coated 2%Mn 

(black) and 2.5%Mn (red) substrate after DHPF at 700°C with respective 95% confidence 

intervals [16]. 
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3 Research Objectives 

In previous work, utilizing extended transfer times as a method to mitigate Liquid Metal 

Embrittlement (LME) for two prototype galvanized press hardening steels (PHSs) with increased 

Mn content (0.20C-2.0Mn-0.26Si-0.005B and 0.19C-2.5Mn-0.26Si-0.005B (wt.%)) has been 

investigated [15], [17]. Having an extended transfer time results in press hardening happening at 

a temperature lower than the Fe-Zn peritectic temperature of 782 °C; thus, avoiding LME by 

eliminating the liquid metal in the coating. It was shown that by using this technique, not only was 

LME prevented, but also a desirable microstructure for both the coating and substrate were formed. 

As a result, the target mechanical property of UTS Ó 1500 MPa was met and the coating exhibited 

robust cathodic corrosion properties [15]ï[17]. The primary objective of this work was to 

determine the feasibility of using an extended transfer time to mitigate LME for a galvannealed 

(GA) prototype PHS steel. The galvanneal coating, in addition to a different chemical composition 

such as lower B content, have not been previously studied. Thus, it is interesting to determine if 

the process is feasible on the new prototype steel. Moreover, from the industrial perspective, it was 

aimed to determine a process window for the coated steel and determine the potential for scaling 

through pilot-scale trials for it.  

In order to test these objectives, initially, a bare prototype steel and a GA80 coated (i.e., 80 

g/m2/side coating weight) prototype PHS steel with the compositions of 0.20C-1.96Mn-0.25Si-

0.003B-0.01Ti, and 0.19C-1.92Mn-0.20Si-0.003B-0.03Ti (wt.%), respectively, were compared.  

To this end, they were austenitized at 890 °C for 120 s and press formed at 650 °C. Their 

mechanical properties were compared by tensile testing. Subsequently, panels of the GA-coated 

steel were austenitized at 890 °C for 120 s and subjected to direct hot press forming (DHPF) at 

four different temperatures of 550 °C, 600 °C, 650 °C, and 700 °C. The DHPF temperatures were 
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obtained by increasing the transfer time from the furnace to the die. The target properties for the 

GA-coated PHS were UTS Ó 1400 MPa and YS Ó 1000 MPa. The mechanical properties and 

microstructural evolution were determined as a function of DHPF temperature by tensile testing, 

scanning electron microscopy (SEM), microhardness, and X-ray diffraction (XRD). Furthermore, 

to assess the cathodic corrosion protection with the objective of attaining Ó 15 vol% ɻ-Fe3Zn10  in 

the coating, the volume fraction of ɻ-Fe3Zn10 was determined by XRD. The coating microstructure 

and the presence of microcracks were analyzed by SEM.  

Pilot-scale trials were conducted on the GA-coated steel and consisted of austenitization at 890 °C 

for four different times of 60 s, 120 s, 180 s, and 240 s. The panels were subsequently subjected to 

DHPF at temperatures of 550 °C, 600 °C, 650 °C, and 700 °C. Their mechanical properties were 

analyzed as a function of austenitization time and DHPF temperature by tensile testing and were 

compared to the results from the laboratory-scale testing.   
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4 Experimental Methods 

4.1 Steel  

Two steels were used in this study, the compositions of which can be seen in  Table 4.1: 

Composition of alloys used (wt.%). The values were determined using chemical analysis according 

to ASTM E1019-18 [91], ASTM E1097-12 [92] and ASTM E1479-16 [93]. Their composition is 

similar to 22MnB5 with added Mn to allow for stamping at temperatures below the peritectic 

temperature of 782 °C as a means to avoid LME by eliminating liquid zinc in direct hot press 

forming process.  

The as-received steel K sheets had a thickness of 1.2 mm. Steel K had a 80 g/m2/side galvannealed 

coating. The sheets were provided as in-kind donation from voestalpine stahl LLC. The as-received 

steel I sheets had a thickness of 1.2 mm. These sheets are not coated. Steel I was produced at U.S. 

Steel R&D Munhall, Pennsylvania. The detailed thermomechanical processing cycle of steel I can 

be seen in Figure 4.1. 

Table 4.1: Composition of alloys used (wt.%). 

 C Mn Si Ti B S Fe 

Steel I 0.20 1.96 0.25 0.01 0.003 0.005 Bal. 

Steel K 0.19 1.92 0.2 0.03 0.003 0.005 Bal. 
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Figure 4.1: The thermomechanical processing cycle for the production of steel I. 

The as-received steel I microstructure can be observed in Figure 4.2(a). The microstructure is 

comprised of elongated grains of ferrite and pearlite with visible banding that is likely the result 

of Mn segregation during casting. As mentioned in Figure 4.1, the last step in the 

thermomechanical processing of steel I is cold rolling. The elongated grains which are 

characteristic of a cold-rolled microstructure are the result of that particular processing step. In the 

case of the as-received steel K, Figure 4.2(b) revealing an equiaxed microstructure consisting of 

ferrite and pearlite which is fully recrystallized as a result of the continuous galvannealing process.  

 

Figure 4.2: SEM micrographs of as received material (a) steel I and (b) steel K. 

4.2 Cold Rolling and Dilatometry ï Steel I 

Cold rolling was performed on a steel I transfer bar prior to dilatometry analysis. The purpose of 

the cold rolling was to create a relatively high dislocation density in the dilatometry samples that 

would closely resemble that of the sheets, thus ensuring more representative transformation 

temperature results from quench dilatometry experiments. 

The dimensions of the steel I transfer bar were 25 mm in thickness and 63 mm in width. 

Subsequently, 25.4 mm-wide sections were cut and subjected to cross cold rolling using a 
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STANAT TA-215 rolling mill, with a 0.16 mm reduction in thickness per pass. A total of 15 passes 

were performed on each sample to achieve the desired 20% thickness reduction. 

Quench dilatometry tests were carried out to determine the phase transformation temperatures and 

the continuous cooling transformation (CCT) diagram of steel I. Samples in the shape of cylinders 

with diameter of 5 mm and the height of 10 mm were cut from the cold rolled transfer bar. Quench 

dilatometry was done using a BÄHR DIL 805 dilatometer. 

To determine the phase transformation temperatures, specifically Ac1, Ac3, Ms, and Mf, samples 

were heated to 1000 °C with heating rates of 5, 10 and 15 °C/s to understand the effect of heating 

rate on these temperatures. They were subsequently quenched to room temperature with the 

cooling rate of 160 °C/s. The Ac1 and Ac3 were found to be 721 °C and 864 °C, respectively, and 

to be independent of the heating rates used. Moreover, Ms and Mf were determined to be 396 °C 

and 294 °C, respectively.  

Subsequently, samples were heated to 884 °C (Ac3 + 20) at a heating rate of 10 °C/s, and held at 

that temperature for 120 s. The samples were then quenched to room temperature using cooling 

rates ranging from 0.5°C/s to 75°C/s to determine the critical cooling rate required for the 

formation of a fully martensitic microstructure. The resulting cooling curves were utilized to 

construct the Continuous Cooling Transformation (CCT) diagram. To determine the 

transformations such as Bs and Bf, the microhardness and microstructure of the dilatometry 

samples were analyzed. Microhardness was measured using a Clemex CMT.HD with a 100 gf load 

and a dwell time of 10 seconds. To differentiate between the various phases, such as bainite and 

martensite, color etching using LaPera etchant was performed for 10 to 20 seconds. The LaPera 

etchant consisted of 30 ± 2 ml of solution #1 and 30 ± 2 ml of solution #2. Solution #1 contained 
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1 g Na2S2O5 (sodium metabisulfite) and 100 ml distilled water. Solution #2 contained 4 g dry picric 

acid and 100 ml of ethanol.  

4.3 Direct Press Hardening 

To prepare for direct hot press forming (DHPF), blanks measuring 120 mm x 120 mm were first 

cut. They were then heated to a temperature of 890 °C for 120 seconds in a conventional box 

furnace under ambient atmosphere. The austenization temperature was based on previous research 

indicating that these conditions would yield a desirable coating microstructure consisting of ũ-

Fe3Zn10 and Ŭ-Fe, as well as suitable mechanical properties. A type K thermocouple was attached 

using rivets to each blank to monitor the temperature. A representative heating curve can be seen 

in Figure 4.3.  Both Steel I and Steel K exhibit identical heating curves. As shown, the 

austenization annealing time was measured from the moment the temperature of the samples 

reached 870 °C, after approximately 67 s. The sample was kept in the furnace for 120 s after this 

time. 
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Figure 4.3: Heating curve of steel K annotating the beginning of the austenization step (dashed 

line). 

Following annealing, the blanks were transferred to a water-cooled flat die for hot press forming 

using a 250 kN Instron frame. An image of the furnace and the die mounted on the machine can 

be seen in Figure 4.4. Various transfer times from the furnace under ambient conditions to the die 

were used to DHPF  at temperatures ranging from 550 °C to 700 °C, with the goal of determining 

the process window of the DHPF temperature that would both eliminate the liquid metal (Zn) in 

the pressing step and yield target mechanical properties (UTS  1500 MPa² ). Specifically, the 

transfer times and temperatures used were 9 seconds for 700 °C, 14 seconds for 650 °C, 16 seconds 

for 600 °C, and 19 seconds for 550 °C. Figure 4.5 shows the cooling curve of a sample stamped at 
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550 °C. Two regions are labeled on Figure 4.5. The transfer region corresponds to cooling in an 

ambient environment until the desired stamping temperature was achieved. The other region 

corresponds to quenching in the water-cooled die. Average quenching rate in the flat die was 

calculated to be 64 °C/s for all DHPF conditions.  

 

Figure 4.4: Furnace and water-cooled die mounted on a 250 kN Instron frame used for DHPF. 
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Figure 4.5: Cooling curve of a sample stamped at 550 °C. 

4.4 Mechanical Testing  

Uniaxial tensile tests and microhardness tests were performed at room temperature to determine 

the mechanical properties of steel K and steel I as a function of the DHPF temperature. The 

microhardness of the DHPF substrates was measured using a Clemex CMT.HD with a 100 gf load 

and a dwell time of 10 seconds. Error bars represent 95% confidence interval of the mean. Tensile 

tests were performed using a 100 kN Instron frame with a crosshead speed of 1 mm/min. Strain 

was measured using a contact extensometer with the gauge length of 25.4 mm.  Tensile coupons 

were machined from the uniform temperature portion of the panels as shown in Figure 4.6 into 

ASTM E8 subsize specimens [94]. All tests were conducted in triplicate to ensure reproducibility 
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of the results for a total of nine samples for every DHPF temperature. Error bars shown in the 

results were calculated using the 95% confidence interval of the mean.  

 

Figure 4.6: Tensile coupons in the uniform temperature portion of a DHPF panel. 

Equation (4.1) displays the formula for calculating engineering stress, where ů represents 

engineering stress measured in MPa, F is the tensile force measured in N, and A0 is the initial 

cross-sectional area of the tensile gauge in mm² measured using calipers with the resolution of 

0.01 mm. Similarly, Equation (4.2) shows the formula for calculating engineering strain, where Ů 

denotes engineering strain, ȹL represents the change in gauge length in mm, and L0 is the original 

gauge length prior to testing in mm [4].  
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Additionally, Equation (4.3) shows the reduction of area of each fractured tensile coupon which 

was determined according to ASTM E8 [94], Where Af represents the area of the fracture surface 

measured using light optical microscopy. The ultimate tensile strength (UTS) was determined 

based on the maximum engineering stress for the engineering stress-strain curve. The yield 

strength (YS) was determined by utilizing the 0.2% offset yield strength method.  
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4.5 Scanning Electron Microscopy  

The microstructure of both the substrate and the coating as a function of DHPF temperature was 

evaluated using scanning electron microscopy (SEM). Imaging was conducted using JEOL 6610 

LV and JEOL 7000F FEG-SEM microscopes, with an accelerating voltage of 15 keV and a 

working distance of 10 mm for all the samples. The DHPF blanks were cut into 10 mm × 10 mm 

samples and mounted cross-sectionally in epoxy resin. All samples were coated with carbon to 

prevent sample charging.  

Secondary electron imaging (SEI) was utilized to image the microstructure of the substrate and 

determine its correlation to the mechanical properties. Sample preparation involved grinding with 

silicon paper of varying grits (320, 400, 600, 800, and 1200), followed by polishing with Nap and 

Dur with 3 and 1 ɛm diamond suspensions, respectively. To reveal the substrate microstructure, 

the samples were etched with Nital (2 vol% nitric acid in ethanol), rinsed with water and ethanol, 

and subsequently blown dry. Finally, they were cleaned in an ultrasonic bath using ethanol for 10 

minutes. 

The coating microstructure was analyzed using backscattered electron imaging (BEI) to predict 

the corrosion properties of the steel as a function of DHPF temperature. Previous research has 
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demonstrated that 15 vol% of ũ-Fe3Zn10 phase can provide robust cathodic protection [13]. 

Therefore, the presence of the ũ-Fe3Zn10 phase was determined using SEM-BEI. The quality of 

the coating, specifically the presence of microcracks, was of interest as well. The sample 

preparation method was similar to the above with a few minor changes. The samples were not 

etched, as it deteriorates the coating, and in order to prevent over-polishing of the coating, the 

polishing steps were shortened.  

4.6 X-Ray Diffraction  

The phase analysis of the substrate and coating was determined using 2D X-ray diffraction 

(XRD2). The diffraction patterns were collected using a Bruker Mo Smart APEX2 diffractometer, 

with Co KŬ1 radiation (ɚ = 1.79026 ¡) as the source. To ensure accuracy, both a microslit and 

collimator were used, both with a diameter of 1 mm. X-rays were generated with a voltage of 35 

keV and a current of 45 mA. A coupled 2ɗ/ɗ scan was used with four steps from 45Á Ò 2ɗ Ò 100Á, 

and a scan time of 600 s/step. The Eiger 2R detector was used to collect diffracted X-rays. 

Phase identification was conducted using Bruker DiffracEva v.5.2 on the raw data. Bruker TOPAS 

5 was utilized to model the measured peaks and determine the phase fractions of the coating and 

substrate. Triplicate measurements were taken randomly from the samples, and error bars were 

calculated based on the 95% confidence interval of the mean. 

4.7 Pilot-scale DHPF of Steel K 

A set of pilot-scale DHPF trials of GA steel K was performed at Gestamp. Blanks were austenitized 

at 890 °C for four different annealing times of 60 s, 120 s, 180 s, and 240 s. Subsequently, they 

were direct press hardened at 700 °C, 650 °C, 600 °C and 550 °C. Figure 4.7 shows the U-shaped 

die configuration used in the trials. The dimensions of the blanks used were 280 x 650 mm. Figure 

4.8 shows the resultant part configuration and dimensions. To analyze the mechanical properties, 
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uniaxial tensile tests were carried out on the parts. Standard-sized ASTM E8 tensile coupons with 

a gauge length of 50 mm were extracted from the top and side section of the U-shaped die (Figure 

2.23) [94]. The tensile tests were conducted in accordance with the ASTM E8, ASTM E646, and 

ASTM E517 standards [94]ï[96].  

 

Figure 4.7: Die configuration of the pilot-scale DHPF trial [97]. 

 

Figure 4.8: Part configuration and dimensions of the pilot-scale DHPF trial [97]. 
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5 Results 

5.1 Dilatometry of Steel I 

Dilatometry was conducted on steel I with the objective of establishing its continuous cooling 

transformation (CCT) diagram. The dilatometry curve obtained from a sample subjected to a 

heating rate of 15 °C/s, as described in §4.2, is presented in Figure 5.1 (a). This curve aimed to 

investigate the influence of the heating rate on the critical transformation temperatures, namely 

Ac1, Ac3, Ms, and Mf. It should be noted that the thermal expansion coefficients of different 

constituents, such as ferrite and austenite, vary. The change in the crystal structure from BCC to 

FCC and the subsequent dilation causes changes in the slope of the linear portion of the curve [98]. 

The initiation of a phase change is characterized by a deviation from linearity in the curve, whereas 

the termination of the phase change is indicated by the curve returning to a linear behavior. Figure 

5.1 (b) shows the variation in heating rate depicted in Figure 5.1 (a) during the heating process. In 

order to determine Ac1 and Ac3, the points at which the curve deviates from linearity were 

identified through a combined approach involving both analysis of the derivative curve and the 

tangent method. The derivative of the dilatometric curve with respect to temperature is represented 

by the red curve. The blue lines represent the tangent to the graph to aid in identifying the linear 

portion of the curve. Similarly, for the determination of Ms and Mf, the non-linear section of the 

cooling portion in the dilatometry curve (Figure 5.1 (c)) was subjected to analysis.  It can be seen 

that by employing these techniques, a comprehensive evaluation of the dilatometry curve 

facilitated the calculation of the desired critical temperatures. 
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Figure 5.1: (a) Dilatometry curve of a sample heated at 15 °C/s, (b) the heating portion of the 

dilatometry curve (c) the cooling portion of the dilatometry curve. 

Figure 5.2 shows the critical temperatures that were calculated from quench dilatometry for this 

steel. The average values for Ac1 and Ac3 were 721 °C and 864 °C, respectively. It can be seen 

from Figure 5.2 (a) that the heating rate did not affect Ac1 and Ac3. The average Ms and Mf values 

are 396 °C and 254 °C. These values were independent of the heating rate as well, which is shown 

by Figure 5.2 (b). 

 



M.A.Sc. Thesis ï S. Kheiri; McMaster University ï Materials Science and Engineering 

58 

 

 

Figure 5.2: Effect of heating rate on critical temperatures of steel I (a) Ac1 and Ac3, (b) Ms and 

M f. 

Figure 5.3 shows the CCT diagram constructed from the cooling curves derived from the 

dilatometric tests. It can be seen that the microhardness values, which are written on the bottom of 

each curve, increase as the cooling rate increases, which is an indication of different constituents 

present. The microhardness values correspond well to the microstructural zones that have been 

determined using the cooling curve analysis. As a fully martensitic microstructure is of interest, it 

is observed that cooling rates higher than 10 °C/s produce a fully martensitic microstructure. 

Moreover, cooling rates of 3 °C/s and 5 °C/s will result in a bainitic microstructure. Cooling rates 

lower than 1 °C/s result in a ferrite-pearlite microstructure. Thus, a critical cooling rate of 10 °C/s 

needs to be used during direct press forming to achieve a fully martensitic microstructure.  
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Figure 5.3: Continuous cooling transformation (CCT) diagram of steel I with microhardness 

values expressed in HV for every experimental cooling rate. 

Figure 5.4 shows optical microscopy microstructures of quench dilatometry samples that were 

etched using LaPera etchant. A fully martensitic microstructure can be observed for cooling rates 

higher than 10 °C/s. The darker regions highlighted for the cooling rates of 3 °C/s and 5 °C/s are 

indicative of bainite, and the lighter regions show martensite. Beige and white toned regions have 

been identified for cooling rates lower than 1 °C/s which are indicative of ferrite and pearlite, 

respectively. These microstructures are in agreement with the phases identified by analysis of the 

dilatometric curves during cooling, as shown in Figure 5.3. 
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Figure 5.4: Microstructure of the quench dilatometry samples of steel I. 
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5.2  Microstructural analysis of steel K 

Figure 5.5 shows the microstructure of the steel K substrate following DHPF. The microstructures 

appear largely similar, characterized predominantly by martensite with some discernible ferritic 

regions. Interestingly, the microstructure is independent of the DHPF temperature.  

 

Figure 5.5: Microstructure of steel K after DHPF. 

The microhardness results are presented in Figure 5.6.Figure 5.6: Microhardness values of steel K 

and steel I after DHPF. Notably, all the values observed corresponded with the presence of 

martensite with small amounts of ferrite. Moreover, no significant differences were observed 

between the various DHPF temperatures tested in steel K. Steel I had a slightly higher 
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microhardness than steel K, hinting at the probability of having a slightly higher ultimate tensile 

strength (UTS). Furthermore, the microhardness results are in agreement with the SEM 

micrographs, further supporting the findings. 

 

Figure 5.6: Microhardness values of steel K and steel I after DHPF. 

Figure 5.7 shows the raw XRD spectra of the DHPF steel K. It is noteworthy that the peaks 

attributed to martensite represent both martensite and ferrite. Given the low carbon content of steel 

K (0.2 wt.%), the difference between the lattice parameters c and a in martensite is minimal as it 

is dependent on the carbon content [7]. Consequently, the observed peaks are sharp and overlap 

considerably with those of ferrite, making it impractical to differentiate between the two 

constituents using XRD. The phase fractions of DHPF steel K obtained using XRD as a function 

of DHPF temperature can be seen in Figure 5.8. It shows that the substrate is mostly comprised of 

martensite and has small amounts of retained austenite. The retained austenite is caused by the 
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transformation of austenite (fcc) into martensite (bcc) in low carbon steels [99]. It is known that 

martensite transformation can never be truly complete. Thus, small volume fractions of interlath 

retained austenite, depending on the composition of the steel, are present at lath grain boundaries 

[99], [100]. The interlath films are typically very thin, and cannot be detected by SEM. However, 

they can be determined by XRD [99], [100], as shown in Figure 5.8. It can be seen that austenite 

fraction for steel K is negligible, and more importantly, not a strong function of DHPF temperature.  

 

Figure 5.7: XRD spectra from steel K substrate as a function of DHPF temperature. 
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Figure 5.8: Phase fractions of steel K vs DHPF temperature with a 95% confidence interval. 

5.3 Coating analysis of Steel K 

The microstructural evolution of the coatings was evaluated by conducting SEM-BSE analysis as 

a function of DHPF temperature. Figure 5.9 (a) shows the cross section of the etched as-received 

galvannealed coating revealing the microstructure. Two phases have been identified from the SEM 

micrograph. The coating comprises ŭ -FeZn10 and ũ-Fe3Zn10 in the regions close to the substrate, 

typical of an industrial galvannealed (GA) coating [47]. Cracks in the coating are attributed to 

temper rolling, and tension leveling after coating as they are also present in unetched sample, 

Figure 5.9 (b). DHPF was performed on the as-received panels, as explained in §4.3. The resultant 

coating microstructures can determine the occurrence of LME or microcracking and help 

hypothesize about corrosion properties. 



M.A.Sc. Thesis ï S. Kheiri; McMaster University ï Materials Science and Engineering 

65 

 

 

Figure 5.9: Coating microstructure of as received steel K obtained using SEM-BSE (a) etched, 

(b) uneteched. 

In Figure 5.10, the cross-sectional coating microstructure obtained using SEM-BSE for every 

DHPF temperature is shown. The coatings consist of two phases, ũ-Fe3Zn10 (darker regions) and 

Ŭ-Fe(Zn) (brighter regions), and the substrate is martensitic, as mentioned previously. There were 

no noticeable differences in the microstructure of the coatings with varying DHPF temperatures. 

This is attributed to the utilization of transfer times with low duration to achieve DHPF 

temperatures, which did not allow for adequate time for the diffusion-controlled phase 

transformation processes to occur. It is evident that the coating exhibits cracks; however, these 

cracks do not extend into the martensitic substrate ï i.e. there was no significant evidence of 

microcracking or LME. It is important to understand the reason for the observed cracks. Those 

cracks could be caused by the difference in thermal expansion of the coating and substrate panels 

during the quenching step since a flat die was used [75]. Moreover, intergranular cracking can be 

dependent on the Ŭ-Fe(Zn) grain boundaries. These grain boundaries are weakened because of a 

Zn-enriched layer present on the grain boundaries as a result of annealing [51]. This Zn-enriched 

layer is known to be a preferred path for intergranular cracking in Zn-coated PHS [51]. 
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Figure 5.10: Coating microstructure of steel K after DHPF obtained using SEM-BSE. 

The phases present in the coatings are produced due to the peritectic reaction, as shown in Equation 

(5.1), between the Ŭ-ferrite phase rich in zinc (Ŭ-Fe(Zn)) and the liquid zinc phase rich in iron at 

782 °C, as shown by the Fe-Zn diagram in Figure 2.6. Since the ũ-Fe3Zn10 phase is solidified from 

Zn(Fe)liq, it seems that this phase is inclined to amass near the coating surface. Additionally, the 

absence of microcracks in the coating of the DHPF panels indicates that the occurrence of LME 

has successfully been avoided in all cases.  

 
liq 3 10Ŭ-Fe(Zn) + Zn(Fe) Ŭ-Fe(Zn) Fe (Zn)­ +G-   (5.1) 

A quantitative analysis of the coating phases can provide insights into the corrosion properties. It 

has been shown that 15 vol% of the ũ-Fe3Zn10 phase is sufficient to yield robust cathodic corrosion 


































































